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Strength and fracture toughness
of in situ-toughened silicon carbide
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Fine B-SiC powders either pure or with the addition of 1 wt% of a-SiC particles acting as
a seeding medium, were hot-pressed at 1800 °C for 1 h using Y,05; and Al,O;as sintering aids
and were subsequently annealed at 1900 °C for 2, 4 and 8 h. During the subsequent heat
treatment, the § — o phase transformation of SiC produced a microstructure of *““in situ
composites’ as a result of the growth of elongated large «-SiC grains. The introduction of
a-SiC seeds into the B-SiC accelerated the grain growth of elongated large grains during
annealing which led to a coarser microstructure. The sample strength values decreased as
the grain size and fracture toughness continued to increase beyond the level where clusters
of grains act as fracture origins. The average strength of the in situ-toughened SiC materials
was in the range of 468-667 MPa at room temperature and 476-592 MPa at 900 °C. Typical

fracture toughness values of 8 h annealed materials were 6.0 MPa m'? for materials
containing a-SiC seeds and 5.8 MPam'? for pure B-SiC samples.

1. Introduction

Silicon carbide ceramics are of considerable interest
due to their excellent oxidation, corrosion, and creep
resistance properties at elevated temperatures. Silicon
carbide ceramics can be fabricated by pressureless
sintering with the aid of boron and carbon at temper-
atures in excess of 2000 °C [1]. Several investigations
have shown that these SiC materials have a low frac-
ture toughness value (2.5-4 MPam'/?) [2] and
a moderate strength (350—-500 MPa) [3, 4].

Recently, several reports have been published on
in situ-toughened SiC [5-12], which is akin to
SizN,. The improvement in fracture toughness was
achieved through the development of elongated o-SiC
grains; i.e. the higher toughness values of in situ-
toughened materials were due to bridging by elon-
gated grains as evidenced by R-curve behaviour, i.e.
increasing crack growth resistance with crack exten-
sion [10]. The toughness properties and R-curve be-
haviour of in itu-toughened SiC have been extensively
reported in the literature [6,8, 13]. However, the
strength properties of these materials have not been
comprehensively studied.

In this study, various in situ-toughened SiC mater-
ials that possess different microstructures were pre-
pared by hot-pressing and subsequent annealing.
Their strength and fracture toughness properties are
presented and correlated with their respective micro-
structures.
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2. Experimental procedure

Commercially available B-SiC (Ultrafine, Ibiden Co.,
Ltd, Nagoya, Japan), a-SiC (A-1, Showa Denko,
Tokyo, Japan), Al,O; (AKP-30, Sumitomo Chem-
icals, Tokyo, Japan), and Y,O; (Grade Fine, H.C.
Starck, Berlin, Germany) were used as the starting
powders. Alpha-SiC powders were added so to act as
seeds. To prepare a powder composition that did not
contain any seeds, 80 wt % B-SiC was mixed with 12
wt % Al,O; and 8 wt % Y,0O; and then the mixture
was milled in a polyethylene jar containing ethanol
and SiC balls for 24 h. In order to prepare a powder
composition that did contain seeds, 79 wt % B-SiC
was mixed with 12 wt % Al,O5 and 8 wt % Y,O3 and
the mixture was milled in a polyethylene jar contain-
ing ethanol and SiC balls for 20 h. Then 1 wt % of the
seeding a-SiC powder was added and the slurry was
milled for 4 h. This mixed slurry was dried, sieved
through a 60 mesh screen, and hot-pressed at 1800 °C
for 1 h under a pressure of 20 MPa in an argon atmo-
sphere. The hot-pressed materials were further heated
at 1900°C for 2, 4 and 8 h under an atmospheric
pressure of Ar to enhance grain growth. The sample
designations are given in Table 1.

The sample densities were measured using the Ar-
chimedes’ method. The theoretical densities of the
specimens, 3.383 gcm ™3, were calculated according to
the rule of mixtures. X-ray diffraction (XRD) was
used to determine the crystalline phases present in the
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TABLE I Sample designation

Annealing time Sample designation

at 1900°C Material without Material with
(h) o SiC seeds o SiC seeds
hot-pressed A0 BO

2 Al B1

4 A2 B2

8 A3 B3

samples. The hot-pressed and annealed materials were
cut and polished, then etched by a plasma of CF,
containing 7.8% O,. The microstructures were
observed by scanning electron microscopy (SEM).
The hot-pressed materials were machined into
3 x 4 x 36 mm bars with an 800 grit diamond wheel for
flexural testing. Bend tests were performed at both
room and high (900 °C) temperatures on 8 specimens
at ecach condition using a four-point method with
outer and inner spans of 30 and 10 mm, respectively
and a crosshead speed of 0.5 mm per min. The fracture
origin and microstructure of the fractured surfaces
were observed using SEM. The fracture toughness was
determined using the single-edge precracked beam
(SEPB) method [14].

3. Results and discussion

3.1. Microstructure

The characteristics of both the hot-pressed and an-
nealed SiC are summarized in Table II. The samples
with a relative density of > 99% were produced by
hot-pressing at 1800 °C with a hold time of 1 h. How-
ever, prolonged annealing at 1900 °C resulted in a de-
crease in the relative density, which is probably due to
the formation of volatile components such as Al,O,
SiO, and CO [15, 16].

The microstructures of the hot-pressed and an-
nealed materials are shown in Fig. 1(a—h). Silicon car-
bide grains are etched away by the CF, plasma, thus
these microstructures are delineated by the grain-
boundary glassy phase. The microstructures of the
hot-pressed materials (A0 and BO0) consisted of fine,
equiaxed SiC grains and a small number of relatively
large grains. When the annealing time was increased,

TABLE II Properties of both the hot-pressed and annealed SiC

the microstructure changed from equiaxed to elon-
gated grains, the fraction of the B — o phase trans-
formation increased, and the size and aspect ratio of
the grains increased. The true shape of elongated
grains is considered as being plate-shaped (Fig. 2(a—h)).
This tendency suggests that the grain growth pre-
dominantly proceeded along the direction of the plate,
i.e. along basal planes of the grains, and was related to
the B — o phase transformation of SiC during anneal-
ing. As shown in Fig. 1(a-h), elongated grains ap-
peared after 4 h of annealing in the materials without
a-SiC seeds —i.e. A2 and A3 —and 2 h annealing of the
materials with a-SiC seeds — ie. Bl to B3. Grain
growth in the A materials was therefore slower than in
the B materials. The microstructure of the A3 sample
solely consisted of elongated grains that were almost
of the same shape as those of B3 but with a different
grain size. A kind of “in situ composite” has been
developed in both the A3 and B3 samples as a result of
the bimodal distribution of grains, which is similar to
the recently reported microstructure for a SiC sample
that displayed high toughness values [5, 7].

As is shown in Fig. 1(a—h), the materials containing
the a-SiC seeds have a relatively coarse microstructure
as compared to those of the seedless materials. In the
seedless materials, only large B-SiC particles acted as
nuclei for the growth of large grains during the hot-
pressing, since the growth of SiC grains was controlled
by Ostwald ripening [17], i.e. the solution of B-SiC
grains that are smaller than the critical size, mass
transport by diffusion through the liquid, and rep-
recipitation on B-SiC grains that are larger than the
critical size. In contrast, the grain growth of SiC grains
in materials containing o-SiC seeds may have resulted
from the overgrowth of B-SiC on a-SiC cores during
the hot-pressing at the low temperature of 1800 °C,
where B-SiC is possibly stable or the f — o phase
transformation may be very slow. Another possibility
is that strain at the o/ interface may have caused the
overgrowth of B-SiC on the a-SiC cores, thereby accel-
erating the growth of elongated grains during anneal-
ing [18,19]. Hence, the differences in grain sizes
observed between materials that contained seeds and
the pure materials might be due to differences in the
grain growth behaviour.

Phase analysis of the hot-pressed samples (AO and
B0O) by XRD showed that the major phase in each

Material Relative Crystalline phase Flexural strength Fracture
density Major Trace Room temperature 900 °C toughness
(%) (MPa) (MPa m'/?)
A0 99.3 B-SiC YAG?, 0-Al,03 625+ 55 538 +47 31+0.1
Al 98.7 B-SiC a-SiC, YAG, a-Al,0; 585+ 35 510 £+ 31 3.7+0.2
A2 97.2 a-SiC B-SiC, YAG, a-Al,O; 555433 577+ 38 45+02
A3 959 a-SiC B-SiC, YAG 550 + 46 589 + 35 58403
BO 99.1 B-SiC a-SiC, YAG, a-Al,03 667 + 37 592424 32402
B1 979 B-SiC a-SiC, YAG, a-Al,O3 569 +42 523+ 34 39+0.2
B2 96.6 a-SiC B-SiC, YAG, a-Al,O; 538 +39 536 +20 52+0.2
B3 953 a-SiC B-SiC, YAG 468 +29 476 + 19 6.0+0.1

*AlsY 30, (yttrium aluminium garnet)
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Figure 1 Microstructures of hot-pressed and annealed materials: (a) A0, (b) A1, (c) A2, (d) A3, (e) BO, (f) B, (g) B2 and (h) B3 (refer to Table I).

sample was 3-SiC (Table II). These results reveal that
the growth of large grains in the AO sample was
mainly a result of overgrowth of B-SiC on the larger
grains. The sample containing a-SiC seeds (B0) con-
tained trace amounts of 6H (a-SiC) that originated
from the o-SiC seeds. The 8 h annealed sample that
did not contain a-SiC seeds (A3) had 4H (a-SiC) as

its major phase with trace amounts of 3C (B-SiC)
being observed. In contrast, the 8 h annealed sample
that did contain o-SiC seeds had 6H as its major
phase with trace amounts of 3C. The XRD results
indicated that the growth of elongated grains is
directly related to the B — o phase transformation of
SiC.
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Figure 2 SEM micrographs of the fracture surfaces of hot-pressed and annealed materials: (a) A0, (b) A1, (c) A2, (d) A3, (e) BO, (f) B1, (g) B2 and

(h) B3 (refer to Table I).

3.2. Mechanical properties

Fig. 2(a—h) shows SEM micrographs of the fracture
surfaces of SiC ceramics with various microstructures.
It has been recognized that the fracture mode in
boron- and carbon-doped SiC is transgranular due to
a strong grain boundary [2]. In contrast, in the case of
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SiC with added Al,O5 and Y,O3, the fracture mode is
a mixture of transgranular and integranular, as is
shown in Fig. 2(e~h) which is a result of a weak inter-
face created by the difference between the coefficients
of thermal expansion of the liquid and the matrix
on cooling after sintering [5]. There is a substantial
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Figure 3 Relation between strength and fracture toughness of hot-
pressed and annealed SiC. Key: (M) SiC without o SiC seeds and (@)
SiC with o SiC seeds.

tendency for relatively larger grains to fracture trans-
granularly.

Fig. 3 shows the fracture toughness—strength rela-
tions for SiC ceramics that have been hot-pressed and
subsequently annealed for different times, i.e. they
have different microstructures. The hot-pressed ma-
terials (A0 and BO), that are composed of relatively
fine, equiaxed grains, have fracture toughness values
of 3-35MPam'? and a flexural strength of
600-700 MPa. In contrast, the 8 h annealed materials,
that are composed of relatively large, elongated grains,
have fracture toughness value of 5.5-6 MPam?'/? and
a flexural strength of 450-550 MPa. The effect of
annealing becomes apparent after 4h, which in-
dicated, referring to the phase analysis in Table II, the
marked growth of elongated o-SiC which produced
the improved fracture toughness values and the de-
creased strength. The improvement in the fracture
toughness is directly related to the microstructure and
is produced by crack bridging by elongated SiC grains
(Fig. 4(a and b)). Thus, coarser microstructures are
beneficial for producing improvements in the tough-
ness. On the other hand, a finer microstructure con-
taining a minimal amount of small defects is required
to produce improvements in the strength. Typical
fracture origins were clusters of large grains and
pores near the surface as is shown in Fig. 5(a and b).
However, more frequently, clusters of large grains,
were observed to act as fracture origin in the 8 h
annealed materials. These results indicate that there is
a trade-off in improving both the fracture toughness
and strength. Thus it appears difficult to simulta-
neously achieve both a high fracture toughness and
strength.

No degradation in the high-temperature flexural
strength values (Table II), were observed upto 900 °C
in the 4 and 8 h annealed materials (A2, A3, B2, B3),
that contained elongated grains. However significant
degradation was observed in the hot-pressed and 2 h
annealed materials (AO, A1, BO, B1), that contained
large amounts of equiaxed grains. The degradation
may be due to the presence of glassy grain-boundary
phases in the Al,O3; and Y,0O3-doped materials. These

Figure 4 SEM view of crack bridging by elongated large grains in
(a) A3 to (b) B3 (refer to Table I).

DL v <z
Figure 5 SEM fractography of in situ-toughened SiC (A3) showing
typical fracture origin: (a) clusters of elongated large grains and (b)
a large void.

results also suggest that the presence of plate-shaped,
elongated grains prevents degradation in the strength
at high-temperatures due to the interlocking of those
grains.
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4. Conclusions

The introduction of a-SiC seeds into B-SiC doped
with Y,O3; and Al,Oj3 as sintering aids accelerated
the grain growth of plate-shaped, elongated large
grains during annealing and led to a coarser micro-
structure.

The room temperature-strengths of the in situ-
toughened SiC decreased as the grain size and fracture
toughness values continued to increase beyond the
level where clusters of grains act as fracture origins. It
has been shown that the improvement in the fracture
toughness mainly arises from crack bridging by elon-
gated SiC grains. The presence of plate-shaped, elon-
gated grains prevented degradation of the strength at
high-temperatures (900 °C) due to the interlocking of
those grains.

The average strength of in situ-toughened SiC
materials was in the range 468—667 MPa at room
temperature and 476-592 MPa at 900°C. Typical
fracture toughness values for the 8h annealed
materials were 6.0 MPam!/? for materials with o-SiC
seeds and 5.8 MPam?'/? for materials without a-SiC
seeds.
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